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This paper summarized the theory related to nucleation, interface kinetics, micromorphology
evolution and microscopic growth during nonequilibrium alloy solidification, Methods for quan-
titative analysis of nucleation rate, the criterion of marginal stability, nonequilibrium partition
coefficient, as well as the relationship between growth rate with undercooling and dendrite tip
radius are presented. Some limitations and future developments of nonequilibrium theory are

pointed out.

1. Introduction

Recent years, solidification technique has been de-
veloped into a new stage with the development of
rapid solidification, improvement of directional solid-
ification and monocrystalline technique, and appli-
cation for continuous casting technique. The com-
posite materials, gradient materials and functional
or structural materials with the microstructure of
amorphous, quasicrystal, microcrystal and nanocrys-
tal possess many excellent properties, which meet
the everlasting needs for the development of indus-
tries. For the conventional solidification theories can
not explain and predict the structure of the materi-
als prepared by the modern solidification techniques,
nonequilibrium solidification theory has been devel-
oped quickly during the past few decades. The quan-
titative explanation of solidification process has been
improved by thermal transmission, mass transfer and
the kinetics of moving S/L interface. The absolute
stability of planar interface has been perfected by con-
sidering some comprehensive criterion for transition
of crystal morphology. A quantitative explanation of
crystal growth has been developed from the low rate
to the high rate. The nonequilibrium theories supply
a basis for the analysis of solidification process and
design of alloy composition. In this article the cur-
rent research progress in nucleation, transformation
of crystal morphology and growth is reviewed.

2. Nucleation and Selection of Phase
2.1 Nucleation

Conventional solidification theories describe nucle-
ation with two manners, i.e. homogeneous nucleation

t To whom correspondence should be addressed

and heterogeneous nucleation. The nucleation in the
practical solidification process is that the heteroge-
neous nucleus can form at low degree of undercooling
which restrains the homogeneous nucleation.

The basic theory of heterogeneous nucleation has
been outlined by Turnbull and Fisher!!. The initial
nucleation site density n, within the melt will de-
crease as nucleation proceeds: the nucleation rate n
at a given undercooling , AT, is given by!!!

= Kj - [no —n(t)] - exp[_T——'(_ATzi_‘)?] (1)
where K is a coefficient proportional to the collision
frequency of the atoms of the melt with the nucleation
sites of the heterogeneous particles; K5 is related to
the interfacial energy balance between the nucleus,
the liquid, and the foreign substrate on which nucle-
ation occurs.

Although this nucleation theory has been applied
to the modeling of equiaxed solidification recently?3!,
it fails to predict the correct grain sizel¥. The reason
for this failure is summarized in Fig.1. At the small
nucleation undercoolings usually encountered in con-
ventional solidification processes (AT of the order of
1~10 K), a critical undercooling, AT, is associated
with Eq.(1). Above Tn(= Tg — ATy or Ty, — ATw),
almost no nucleus is formed whereas, as soon as it has
been reached, the nucleation density, n(t), quickly in-
creases to the saturation limit given by n, (see Fig.1).
Accordingly, the final grain density is almost indepen-
dent of the solidification conditions, which have not
been found in experiments. For this reason, the mod-
eling of nucleation has recently been reconsidered us-
ing the pragmatic approach originally developed by
Oldfield®!, but with the additional theoretical back-
ground of heterogeneous nucleation behavior shown in
Fig.1 occurring at a family of nucleation sites which
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Fig.1 Nucleation rate and grain density as calculated
using heterogeneous theory for Al; cooling rate,
T=-1 Ks~ ' (a) nucleation rate; (b) grain den-
sity

is characterized by a continuous rather than a discrete
distribution, dn/d(AT) (see Fig.2)!?. At a given un-
dercooling, AT, [Fig.2(a)], the grain density is given
simply by the integral of the nucleation site distribu-
tion (e.g. Gaussian) from zero undercooling to AT
[Fig.2(b)]. As Fig.2(c) represents the integral of the
nucleation distribution, the grain density n;, corre-
sponding to AT}, can be obtained directly. By this
means, the new grain density is updated at each time-
step as a function of the undercooling. When the min-
imum undercooling of the cooling curve is reached,
i.e., when recalescence occurs, this corresponds to the
final grain density n, associated with the maximum
undercooling, ATp,.x. The maximum density of nu-
clei, nyayx, is given by the integral of the total distribu-
tion (from zero undercooling to infinite undercooling).
This approach, which has been successfully applied to
dendritel® and eutectic!? solidification, could also be
applied in order to describe temporal change in an
inoculation by assuming an appropriate time depen-
dence of the distribution parameters. Therefore, this
model is quite general and can be easily implemented
into numerical calculations; without giving conver-
gence problems for the final calculated grain density.

2.2 Selection of phase

Under the nonequilibrium solidification condi-
tions, especially in a rapid solidification process, a
large amount of new phases and metastable phases
form and can cause the diagram deviating greatly
from the equilibrium diagram, so the control and se-
lection for the nonequilibrium phases are an effective
way to improve the properties of the alloy. The selec-
tion of phase (the order of solid formation) depends
on either comparative nucleation rate and compara-
tive growth velocity. Because the competition of nu-
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Fig.2 Continuous distribution of nucleation sites used
in modeling of equiaxed solidification!® (a) cool-
ing curve, (b) nucleation distribution, (c) grain
density

cleation rate between phases plays a crucial role in
the selection of phase during nonequilibrium solidi-
fication, the incubation period of nucleation decides
the type of formed phases. Because the calculation
methods of the incubation period of nucleation based
on the stable theories do not apply to the rapid so-
lidification process that starts with a large degree of
undercooling/®, Shao!®] has obtained the relationship
between temperature and nucleation incubation pe-
riod as

__T2.Rf6) & T, o)
T 1—cosh @2 - Xpe Di-Sm-AT?

f(8) = 0.25(2 — 3cos 6 + cos® 9)
T[ = T/Tm,AT[ = 1 _Tr

where d, is the average diameter of atoms in the solid,
S is the melting entropy per mole, Xy, .g is the ef-
fective concentration of solute in the melt, D; is the
diffusion coefficient of the solute in the melt, a is the
shortest jumping distance of the atoms, 0 is contact
angle for heterogeneous nucleation, R is the grain ra-
dius.

Figure 3 shows the calculated T'—7 curves of Al-Cr
alloys by the above mentioned model. The predicted
results that the prime phase is Al;3Cr; or Al;1Crg
i Al-Cr alloys with the curves in Fig.3 coincide well
with test results!1?l.

In addition, the factors influencing the selection of
phase include the type of the phase and the melting
point of the phase as foreign nucleus'’"'?, as well as
the inheritance form and the thermal history of the
melt13],
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Fig.3 Calculated T — 7 curve!®l (a) Al-1.0%Cr, (b) Al-
2.0%Cr (atom fraction)

3. Effect of Nonequilibrium Conditions on the
S/L Interface

3.1 Interface movement kinetics

So far it has been assumed that the local equilib-
rium condition is present at the S/L interface. Strictly
speaking, any motion of the interface requires some
driving force at the interface which will cause depar-
ture from local equilibrium. The driving force re-
quired for the motion of the interface can be related to
the velocity of the interface through the reaction rate
theory of atomic jumps across the interface. Since
the driving force is related to the change in the free
energy, it can be written in a general form as(!4

AGm
R, T,

V=V -[1-exp(-

AGy = —Rg - T; - In[1 — %] (3)

where AG,, is the free energy change per mole re-
quired to drive the interface to move, R, the gas con-
stant, and Vj a constant which is of the order of the
velocity of sound for pure metals. AG,, is propor-
tional to the kinetic undercooling, AT}, at the inter-
face, i.e.

AG, = AS, - ATy (4)

where AS,, is the entropy change per mole. The ki-
netic undercooling at the interface is thus obtained

as
an=-ELy a7y @

For (V/Vp) <« 1, and T; & T,,, the above relationship
can be simplified as

V = - (ATx) (6)

where py[= Vo - ASm/(Rg - T;)] is the interface kinet-
ics coefficient. Thus it can be seen that the kinetic
undercooling is directly proportional to the velocity
of the interface. Because of the high growth velocity
at the interface under nonequilibrium conditions, the
kinetic undercooling is usually large.

3.2 Thermodynamic constraint

When the local equilibrium is satisfied at the in-
terface, the compositions of the solid and the liquid
at the interface are uniquely determined by equating
the chemical potentials of solute as well as solvent
in the two phases. However, in the absence of local
equilibrium, a range of the compositions is possible at
the interface. Although equilibrium conditions are no
longer valid, the thermodynamic considerations are
still important in that the compositions at the inter-
face are restricted to values which give an overall de-
crease in the free energy(1%!.

Free energy-composition diagram is shown in
Fig.4. The equilibrium compositions, Cr, and Cs,,
are given by the common tangent to the free energy
curves for the solid and the liquid. Consider now an
arbitrary liquid of composition, C1,. The free energy
change when one mole of solid forms from an infi-
nite amount of liquid of composition Cy, is obtained
by first drawing a tangent at the composition Cy,. If
the solid that forms has a composition Cg, then the
free energy change is given by the distance from the
tangent line to the free energy curve for the solid,
as shown in Fig.4. For liquid compositions that are
greater than Cp., there is no composition of the solid
for which a reduction in free energy would occur. For
liquid composition Cy,, which is less than Cp., only a
range of solid compositions is possible for which there
is a reduction in the free energy, as shown in Fig.4.

The limiting composition is obtained when the free
energy change is zero, i.e. where the tangent line first
intersects the free energy curve for the solid. The
selection of a solid composition smaller than this lim-
iting composition will occur only if some driving force
AG,, is required for the attachment kinetics. The
value of AGy, is known for a given velocity through
the interface kinetic law that is operative at the in-
terface, e.g. Eq.(3) for a linear kinetic law. The mag-
nitude of free energy change for the formation of one
mole of solid of composition Cg from a liquid of com-
position C,, is given by

AGm = (1 - Cy) - [psa(CL) — pra(CL))+

Cs - [usB(CL) — pLB(CL)] (7)

Substituting the values of from Eq.(3) into (7) gives
the general equation that relates the composition in
the liquid and in the solid at the interface. Based
on the free energy AG,,, the interface temperature T;
can be obtained as!6l

2r 14
T;=Tyn+m, -Cy “(—R—)—(;k')
ko — kv + ky - In(ky / ko)
I~k ] (8

where the capillary undercooling term is also included,
I' is Gibbs- Thomson coefficient, m, is an effective lig-
uidus slope, kg and k, are defined separately as the

my=m-[1+
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equilibrium and nonequilibrium ratio of compositions
of the solid and the liquid at the S/L interface. For
an equilibrium diagram with constant m and kg, m,
is a function V through k,. This correction ensures
that when k, approaches one, the liquidus slope ap-
proaches the slope of the T line which is defined by
equal Gibbs free energy in the solid and liquid.

3.3 Solute partition coeflicient

The compositions in the liquid and in the solid
at the interface can not be determined by equilibrium
diagram under nonequilibrium conditions. Solute par-
tition coefficient, ky, is a function of the velocity of
S/L interface, and effected by the composition and
thermal gradient. Baker et all'”l discovered that the
maximum solid solubility of Cd in the Zn-Cd alloy
prepared by splat quenching of molten alloy is much
higher than that by equilibrium solidification technol-
ogy, which is caused by the high velocity of S/L inter-
face. For this reason, two-level model of solute par-
tition is established, and equation of solute partition
coefficient and velocity of S/L interface is obtained as

k= (V- ao/D;) + Inkg _ 1
Y (V-ao/Di) + (1/ko) - (Inko) exp(—V - au/%))

where a, is the shortest distance between atoms in
the melt.

On the basis of chemical rate theory and the de-
tailed balance principle, Aziz!'® has established the

nonequilibrium model for solute redistribution during
rapid solidification. This model describes quantita-
tively the relationship between solute partition coef-
ficient and moving velocity of S/L interface at con-
tinuous growth. Solute partition coefficient can be
obtained as

ko — V-.ao/D;i+ ke
VU 14V-a/Di— (1 -k)-Cf

ke = ko - (1= CL)/(1 - Cg) (10)

where CI‘; is the solute concentration in the liquid at
the interface. Cf and Cg are the solute concentrations
in liquid and in solid separately corresponding to the
practical temperature in an equilibrium solidification.
Compared with two-level model*”], the calculated re-
sult is much close to the test value. Equation (10) can
be simplified for dilute solution as following(*®]

kﬂ + P c
hy = 1+ P (a
where P.(= a, - V/D;) is the interface Peclet num-
ber for solute redistribution. When V <« D;/a,, it
leads to P. — 0 and ky — kg. Because P. increases
with V, the solute is captured by the growth interface.
When V > D;/a,, this leads P, — oo and ky — 1, it
means the solute is captured completely. Therefore,
this model can explain the phenomenon of segregation
reduction at high growth velocity.

As Aziz made further studying on the effect of
nonequilibrium dynamic on the solute partition coef-
ficient, a model of solute redistribution at S/L inter-
face with continuous growth during rapid solidifica-
tion was obtained as(1l

ko — (V'GO/Di)+ke(XL:X31T)
YU (Veae/Di)+1— (1 - ko) XL

(12)

where ke(Xy, Xs,T) is the force of solute redistribu-
tion, Xg and X|, are the mole fraction of solute in the
solid and liquid respectively.

Even if Aziz model has been widely accepted and
quoted by some monographs and papers, the fact that
the detailed balance does not hold if a system is far
from equilibrium makes the model need to be revised.
Chen et al.2% extended the Aziz model using Haken’s
result®)) and discussed physical variables used in the
Aziz model. The revised solute partition coefficient is
obtained as

_ Br + kr/kf
ko= =o T (13)

where S, k. and k; are the dynamic variables. This
model predicts the interface velocity at which the so-
lute trapping occurs is greater than that in the Aziz
model.

Guo et al.[?2 have analyzed theoretically the re-
lationship among the solute partition coefficient at a
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S/L interface, the temperature gradient and the ex-
ternal force field. The equation of solute partition co-
efficient that includes many influence factors can be
deviated from the value of the equilibrium partition
coefficient as

k, = B+ko+ay G+, F
1+ﬁ—as°Gs—1‘5-Fs

(14)

where [ is the dimensionless velocity, Gy, and Gg are
the temperature gradient in the liquid and in the solid
respectively, af, and ag are the temperature gradient
coefficient in the liquid and in the solid; Fi, and Fg are
the external force field in the liquid and in the solid
respectively, r;, and rg are the external force field co-
efficient in the liquid and in the solid respectively.

Moreover, Wang et al.[?%] studied the solute redis-
tribution in microgravity field and obtained a solute
redistribution model that includes the effect of chemi-
cal reaction process at isothermal and equal pressure,
Soret effect and growth velocity of interface on the
model.

0 Stability and Morphology Transition of the
L/S Interface in Nonequilibrium Solidifica-
tion Conditions

4.1 Dynamic theories of interface stability

The ratio GL/V which was deduced by theory of
constitutional undercooling, can be as a criterion for
the stability of L/S interface in equilibrium solidifica-
tion conditions. The phenomenon that L/S interface
planar growth at small value of G,/V (i.e. at high
growth velocity) can not be explained with theory of
constitutional undercooling during rapid solidification
process. Based on an analysis for the solidification
dynamic, Mullins et al.[?4! established a theory of in-
terface stability that is applied more widely than con-
stitutional undercooling, called as dynamic theory of
interface stability. The dynamic criterion for the sta-
bility of L/S interface can be obtained as

S(w) = —Tp -T-w? — (KL -G + Ks - Gs)}+

. we — V/D;
we — (V/D;) - (1 = ko)

m-Gg

we = V/(2D;) + {[V/(2D:)]? + *}1/2
KL=KL/(KL+K5), RS:KS/(KL+K3) (15)

where G¢ is the concentration gradient in the liquid
at the planar interface of L/S, w is wave number, K7,
and Kg are the thermal conductivity of liquid and
solid respectively.

When S(w) is less than zero, the interface of L/S
keeps stable; if not, it will be not planar.

Equation (15) shows that S(w) depends
on the interface velocity wunder the condi-
tion of a constant composition and disturbance
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frequency. If the interface velocity is small, ie.
V/D; < w, and the function of interface energy can
be omitted, Eq.(15) can be simplified for the interface
stability based on the constitutional undercooling the-
ory. If the interface velocity is large, i.e. V/D; > w,
the absolute velocity V, can be obtained:

m - Co(l — ko) - Cy,
V= 2 (16)
2 k2-T

The absolute velocity does not depend on the tem-
perature gradient, and increases with the raising of
solute composition C,. Figure 5 shows the relation-
ships between growth velocity, temperature gradient
and crystal morphologies for Al-0.1Cu alloy that is
calculated with Eq.(15)(2%,

Langer et al®!l have also analyzed systemati-
cally the stability of interface and established a the-
ory model. Lipton et all?’l have analyzed the ef-
fect of undercooling on the interface stability and
improved Mullins’s model. They divide undercool-
ing into three parts: thermal undercooling, surfacial
energy curvature undercooling and constitutional un-
dercooling. The undercooling effects on the interface
stability through diffusion coefficient D;. This means
that the diffusion coefficient D; decreases with the un-
dercooling increasing to raise the stability and reduce
Va.

Trivedi et al.?8! gave the interface stability crite-
rion for high Peclet number. When 6/6§ is less than
zero, the L/S interface keeps stable; if not, it will be
buckling. The equation of the interface stability cri-
terion for pure metal can be expressed:

§_K3'ws+KL-wL

— 2—
5 AH [-Tw

Ks-ws-Gs+ Ki-wi,-GL
Kg-ws + KL -wy,
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V. (Ks -Gglas + KL -Gr/a)
Ks-ws+ KL -wL

] (17)

where
we = (V/2D:) +[(V/2D)* + &?]'/*

w, = (V/2ap) + [(V/2ar)? + w?]'/?
ws = (V/2as) + [(V/2as)* + w?]*/?
§ is amplitude, 6 is rate of amplitude change.
According to Eq.(17) the ultimate velocities of in-
terface instability can be obtained:
V_GL'D,; _ D;-AT;
T AT, ' " Tk
where AT, is the freezing range for the alloy with

composition C,. Therefore, the condition of instabil-
ity for planar interface is

(18)

Vo<V <V, (19)

In addition, Wang et al.*®! derived the interface sta-
bility criterion for binary alloys under the condition
of microgravity. They reached the conclusion that the
microgravity can increase the stability of interface by
suppressing convection and thickening the diffusion
boundary layer.

4.2 Evolution of solidification structure morphology

In the rapidly solidified alloys, solidification struc-
ture morphologies are mainly dendritic or cellular ex-
cept featureless structure. The important parameter
to describe the crystal morphology is dendrite tip ra-
dius R.

Kurz et al.3% gave a descriptive equation for the
dendrite tip radius based on Mullins and Sekerka

theory!24l,
R=27-]| L M2 (20)
m- Gc - Ec - G']'..
where
2k,
‘Ec =1

T [T=(2n/P)AY?2 — 1 + 2k,

where P, is solute Peclet number of dendrite tip.

If the effect of temperature gradient on the diffu-
sion field is neglected, and equilibrium liquidus slope
m is replaced by effective liquidus slope m,, the fol-
lowing equation can be obtained:

_ 4n? - D;-T-[1 - (1 — ko) - Tv(P.)]

B2
VR Co-my - (ky — 1) - &

(21)

where Iv(P.) is Ivantsov function of P..
When Peclet number P. is small, £, — 1 and
Iv(P.) — 0, Eq.(21) changes into

V-Rz-' 4?['2'D,‘-kv

= e Co (ks —1) (22)

= constant
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For the high Peclet number F. and £ as a unit,
Eq.(21) can be simplified as

_4n-D;-my-Cy- (ky — 1)

V - R?
ky

(23)

This is KGT model to describe the crystal morphol-
ogy, which can be applied to both equilibrium and
nonequilibrium solidification. Figure 6 shows the re-
lationship of R — V calculated with KGT model®].

The calculation results with KGT model coincide
with experimental results for dilute solution alloys,
but deviate for concentrated solution alloys(?®l. Lu
et al.3Y believed that the reason is neglecting of the
change of solute distribution coefficient k, with com-
position C,. So they suggested an improved equation
for the liquid composition at dendrite tip. The predic-
tion results for Al-Fe alloy with improved KGT model
coincide with the experimental results.

Trivedi et al[2832] as well as revised KGT model,
which refer the method of revising the interface sta-
bility, to replace k, with improved solute distribution
coefficient k* obtained the relationship of R — V for
concentrated solute alloys as

. D;
V‘R2=%-ATS-£;

(24)
where o* is stability constant, ATs = m, - (Cs — CL),
£ = (w* = V/D;) - [w* = (1-k*)-V/Dj].

Moreover, Ful®3 and Zhoul®¥ studied the interface
morphology evolution in sub-rapid directional solidi-
fication, in which the transitions of dendrite-microcell
and microcell-plane have been studied and the evolv-
ing laws have been revealed.

Figure 7 shows a schematic variation in the inter-
face temperature with velocity[Sl.
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4.3 Formation of banded microstructures

Under rapid solidification conditions, in the regime
between the cellular-dendrite and planar front solidi-
fication where the absolute stability is predicted by
the linear stability analysisl?, the formation of a
banded structure which consists of alternate planar
front and cellular-dendrite solidification is often ob-
served. These bands are approximately perpendicu-
lar to the growth direction. This phenomenon ap-
peared in Al-Fe alloys and other alloys by laser and
electron beam treatment, including dendrite and eu-
tectic alloys(36:37),

The formation of a banded structure at high ve-
locities is a consequence of nonequilibrium phenom-
ena which occur at the interface. In order to de-
scribe the band formation mechanism, the high veloc-
ity regime of Fig.7 is magnified in Fig.8 for clarity. At
the cellular to planar front transition V,, the interface
undercooling decreases as the velocity is increased.
This inverse relationship between the velocity and the
driving force (undercooling) gives rise to instability
in which the average velocity of the interface mov-
ing equals to the moving velocity of the isotherms in
added temperature field. This oscillatory cycle, when
the latent heat effect is neglected, is shown in Fig.8.

When the average velocity of the interface, which
is equal to the rate of isotherm advance, is between
points 1 and 3 in Fig.8, there is no stable steady state
solution so that the interface velocity goes through the
cycle represented by points 1, 2, 3, and 4. A cellular-
dendrite microstructure forms along the curve from
point 4 to 1, then the interface accelerates rapidly to
point 2, after which it decelerates from point 2 to 3
with a planar front. Finally, when it reaches point 3,
it decelerates to point 4 to complete the cycle. Steady
state planar front growth is obtained only at velocities
beyond the maximum in interface temperature.

This interesting phenomenon has been analyzed
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Fig.8 Variation in interface temperature with velocity
in high velocity regime!®

by several groups®®37:38l, Merchant et all*®! have
modeled the effects of nonequilibrium solidification on
the stability of the plane front. Karma et al.[4% have
solved the unsteady phenomenon by coupling heat
and mass transport to the interface kinetics. Their
result confirms the general trend described above but
shows a more complicated oscillatory behavior.

5. Growth of Microstructures in Nonequilib-
rium Conditions

The growth of microstructures can be divided into
two types according to the composition of the alloys,
eutectic growth and dendrite growth.

In the nonequilibrium conditions, the driving force
of eutectic growth — undercooling AT% . includes eu-
tectic composition undercooling ATg . and thermal

undercooling AT}*". Dustin and Kurzl% established
a model for the binary eutectic alloy, and obtained
the equation of AT :

ATg, = 2(K.- K, -V.)"? 4+ g- (R/R,) - R, -V, (25)

where K,, K. and g are constants, V; is the growth
rate of isotherm, R, is the final grain size. Under equi-
librium solidification conditions the model changes
into Jackson and Hunt's model for the small thermal
undercooling AT:.

The case of ternary eutectic alloys involves yet
more complications. For example, when adding Si
to an Fe-C alloy so as to remain in the eutectic val-
ley, silicon is depleted within the liquid region (k >1).
In the stationary situation of constrained growth, the
diffusion layer associated with silicon diffusion mod-
ifies the growth equation of the binary eutectics, as
demonstrated by McCartney et al.[*2l, They obtained
the following equation for ATE .:

ATge = 2(ke - K, - Vi)' +m, -C:  (26)

where m is the slope of the eutectic valley and C} is
the interface concentration of the ternary element in
the liquid.
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To conclude this section on eutectic growth, the
special case of nodular cast iron is briefly presented.
When Fe-C grains grow in the form of graphite nod-
ules surrounded by an austenite shell, the growth is
controlled primarily by the solid state diffusion of car-
bon through the iron shell and therefore depends on
the radius R of the grain itself and possibly on the
radius R. of the graphite nodule.

Su et al.l*3] have defined the relationship between
the growth rate and undercooling assuming a station-
ary concentration profile within the austenite layer as

L i ATE,c

In many eutectic alloys, such as the Fe-C and the
Al-Si types, which are of great interest for techni-
cal applications, the branching of lamellae or fibres is
made difficulty by the presence of one or two faceted
phases(*]. This results in irregular eutectic morpholo-
gies, where the phases are no longer parallel and reg-
ularly spaced. Based on experimental observations
of directionally solidified Fe-C alloys, Jones et al.[*5]
found that the average value, A, is given by

Vo= (27)

A2 Vs = 4’2 ' Kr/Kc (28)

where ¢ is a constant (¢ is close to 4 and 2 for Fe-C
and Fe-Fe3C alloys, respectively).

Dendritic and cellular are general crystal mor-
phologies for the noneutectic alloys in the nonequi-
librium conditions. Trivedi et al.(?®3748] have estab-
lished a model which includes growth rate and dy-
namic effect at the interface. This theory considers
comprehensively the action of solute distribution, la-
tent heat release and interface curvature, and gives
a quantitative relationship between growth rate, un-
dercooling and dendrite tip curvature at high growth
ratel46)

aT=3E) 1upy + 1 = (’IA_T?:‘,‘)%%J

Co
2€r vV

—my)-Cy+ - —

(m—my)-Co+ 7t .
AT =my - C, - (ky — 1)/ky (29)
ALt 0 1 )
r'-D; 1-(1—ky) Iv(FP)
AH 1
V R (—) L= —
(CL . -,6) L=~
where P, is thermal Peclet number, py is interface
kinetics coefficient.

A knowledge of the growth law of the dendrite tip,
i.e. the relationship among ATy ., V; and R; is not
in itself sufficient to predict the final microstructural
features and the cooling curves, since one still needs to
predict how the solid fraction 'behind’ the tip changes
with temperature. Trivedil®”] has obtained the equa-
tion of the primary trunk spacing A; by assuming that

V-R2'( '£c+

the primary trunk spacing is primarily influenced by
thermal diffusion as

A =22402D; -T)/2.G7'. v, ! R (30)

where Ry and V, are the dendrite tip radius and
growth rate of dendrite tip respectively.

Although the original secondary arm spacing ,
which develops close to the final value A9, which is
ultimately observed on a metallographic section, is
mainly a result of competitive growth and coarsen-
ing of the branches*¥. A model for secondary arm
spacing which is frequently applied to Al based alloys
is that developed by Feurer et al[*8]. It accounts for
concentration variations in the liquid during solidifi-
cation and gives the following relationship

In(Ce/ Co)

=M. e o)
(Ce""co)'tf

(1)

where M’ is a coarsening rate constant, ¢; is the local
solidification time.

Liu et al.[*?) have studied the arm spacing at large
range of solidification rate in directional solidification.
Their results proved that the secondary arm spacing
agrees with the equation A = 4 - (G, - R) 5, 4 and
B are constant.

Besides above mentioned nonequilibrium theories,
there are also many others corresponding to various
specific solidification technologies, for example, the
nucleation and growth of laser melting alloys/5%:511,
the formation of the microstructure in rapid solidi-
fication powders®2:%% and the solidification of spray
deposited preform and melt strip!®4:55],

6. Future Developments

The phenomena of nonequilibrium solidification
have been recently described on the dynamic and ther-
modynamics, and many theoretical models have been
suggested, which make it possible to control and pre-
dict the process of solidification. Although most of the
basic concepts are already outlined, they are not yet
systematically implemented into solidification model-
ing codes. This is probably due to the fact that it is
difficult to make a comprehensive view of the complex
microscopic mechanisms which control solidification
process. Therefore, this field of research is still in an
early stage of development.

The researches of solidification theory in the future
will be focused on the following sections: (1) A more
accurate assessment for the theoretical model will be
suggested; (2) A systematic comparison with exper-
iment should be made; (3) Microstructural features
as an important part of the predicting results must
be included in the theoretical model; (4) The ther-
mophysical properties of the alloys in nonequilibrium
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solidification should be measured, and the relation-
ship between thermophysical properties and temper-
ature should be established as well; (5) The effects of
diffusion coefficient and interface dynamic depended
temperature on the interface stability should be con-
sidered; (6) The models for the interdendritic eutectic
solidification of dendrite alloys and for the primary
phase solidification of eutectic alloys should be estab-
lished; (7) More complex systems should be consid-
ered such as ternary or technical alloys.
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